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ABSTRACT: One of the primary complications in characterizing the
mechanical properties of thin films of semiconducting polymers for flexible
electronics is the diverse range of fracture behavior that these materials
exhibit. Although the mechanisms of fracture are well understood for brittle
polymers, they are underexplored for ductile polymers. Experimentally,
fracture can be characterized by observing the propagation of cracks and
voids in an elongated film. For brittle polymers, we find that films bifurcate
in such a way that the crack density increases linearly with applied strain
(R2 ≥ 0.91) at small strains. Linear regression is used to estimate the
fracture strength and strain at fracture of each material using an existing
methodology. For the case of ductile polymers, however, we find that
diamond-shaped microvoids, which originate at pinholes and defects within
the film, propagate with an aspect ratio that increases linearly with applied
strain (R2 ≥ 0.98). We define the rate of change of the aspect ratio of a microvoid with respect to applied strain as the
“microvoid-propagation number.” This dimensionless film parameter, previously unreported, is a useful measure of ductility in
thin films supported by an elastomer. To explore the significance of this parameter, we correlate the microvoid-propagation
number with nominal ductility using several ductile polymer films of approximately equal thickness. Since the fracture of a film
supported by a substrate depends on the elastic mismatch, we study the effect of this mismatch on the propagation of microvoids
and observe that the microvoid-propagation number increases with increasing elastic mismatch. Moreover, we find that thicker
films exhibit greater resistance to the propagation of fracture. We hypothesize that this behavior may be attributed to a larger
volume of the plastic zone and a higher density of entanglements. To understand how the intrinsic mechanical properties of a
film influence the fracture behavior on a substrate, we perform tensile tests of notched and unnotched films floated on the surface
of water. We find a linear correlation (R2 = 0.99) between the logarithm of the microvoid-propagation number and the fracture
stress obtained from tensile tests of unnotched films.

■ INTRODUCTION

The development of semiconducting polymers that are resistant
to fracture requires a comprehensive understanding of their
mechanical properties. These materials essentially always take
the form of thin films supported by a rigid, flexible, or
stretchable substrate. The challenges associated with force-
based measurements of the mechanical response of such
supported films, however, have led to the development of a
suite of optical metrology techniques.1−4 This paper describes
how a range of fracture behavior in films of semiconducting
polymers supported by an elastomer can be characterized using
optical microscopy (Figure 1). We applied a metrology
technique, described by Stafford and co-workers,2 to thin
films of polymers that undergo brittle fracture. In addition, we
developed a novel technique to characterize the fracture
behavior of thin films of ductile polymers. We quantified the
propagation of diamond-shaped microvoids in ductile films
using the rate of change in the aspect ratio of these microvoids
with applied strain. We then used this methodology to show
that the propagation of ductile microvoids is inhibited in thicker

films. To supplement these analyses, we performed tensile tests
of pseudo-freestanding filmssupported only by waterin
both notched and unnotched configurations. We then
determined quantitative and qualitative relationships between
the fracture behavior of a film supported by an elastomer and
the mechanical response of the film on water. Our approach
should be useful for predicting and comparing the mechanical
robustness of thin films of ductile polymers for applications in
flexible and stretchable electronics.

■ THEORETICAL AND EXPERIMENTAL
CONSIDERATIONS

The mismatch in elastic modulus (E) between a rigid film and a
compliant substrate affects the initiation and propagation of
cohesive fracture that channels through the film.5 For linear
elastic films, Beuth showed that the strain-energy release rate
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(G, in units of J m−2), defined as the energy dissipated per unit
area of fracture surface created, is a function of the elastic
mismatch between the film and the substrate.6 This depend-
ence proceeds from the concentration of stress at the interface
of a strained bilayer structure caused by elastic mismatch.
Elastic mismatch may be quantified using Dundurs’ parameters
α and β6,7
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where E̅ = E/(1 − ν2), ν is the Poisson ratio, μ = E/(2(1 + ν)),
and subscripts “f” and “s” denote the film and substrate,
respectively. The dependence of G on β is weak when α > 0, in
which case β may be neglected.8 For a stiff film and a relatively
compliant substrate, Ef ≫ Es implies that α ≈ 1. The likelihood
for fracture to initiate and propagate increases as Dundurs’
parameter α tends to 1 because of the rapid increase in G with

increasing elastic mismatch. The Griffith fracture criterion
states that fracture occurs when G exceeds the critical value Gc,
known as the cohesive fracture energy.9

For linear elastic materials, events of fracture may be
characterized using the cohesive fracture energy and the stress
intensity factor (K), a theoretical construct that relates the
applied stress to the intensity of stress near the tip of a crack.10

For materials that exhibit extensive plastic deformation,
however, these parameters of linear elastic fracture mechanics
are not sufficient to describe ductile fracture.11,12 This
insufficiency arises because the total energy due to ductile
fracture is dissipated not only in the immediate vicinity of the
fracture tip but also in an outer region of extensive plastic
deformation. To determine parameters for the fracture
toughness of ductile materials, the method of the Essential
Work of Fracture (EWF) was developed by Cotterell and
Reddel.11 The theory underlying this technique, however,

Figure 1. Overview of the experimental methodology and corresponding fracture modes in thin films of semiconducting polymers. Spin-coated film
supported by a poly(dimethylsiloxane) (PDMS) substrate is incrementally strained under an optical microscope. Schematic illustrations (top) and
representative optical micrographs (bottom) demonstrating fracture by either a brittle or a ductile mechanism. Blue arrows indicate the direction of
an applied force, for either clamping or applying tensile strain.

Figure 2. Combined wrinkling−cracking methodology applied to thin films of semiconducting polymers that exhibit brittle fracture. (a) Optical
micrographs demonstrating the progressive elongation and systematic fragmentation of a thin film of TQ1 on PDMS; scale bars = 100 μm. Graphs of

the scaled crack density( )h
d E
2 f

s
as a function of applied strain (ε) for (b) TQ1 (hf = 206 ± 6 nm), (c) PDTSTPD (hf = 159 ± 8 nm), (d) PBTTT-

C14 (hf = 78 ± 5 nm), and (e) PCDTBT (hf = 137 ± 8 nm). Mean values and error bars (standard deviations) are based on data acquired from at
least three separate measurements. Solid red lines correspond to linear regressions. Refer to Experimental Methods for systematic names.
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assumes that the sample is not supported by a substrate that
can bear the applied load. In the presence of an elastic
substrate, adhesion and elastic mismatch strongly influence
fracture, while intrinsic mechanical properties such as tough-
ness are less important.13 In general, the relationship between
the intrinsic mechanical properties and the fracture behavior of
ductile films supported by a substrate has not been thoroughly
investigated.
On the basis of the theory of linear elastic fracture mechanics

in thin films,6,8 a stiffer substrate would delay the onset of
fracture and inhibit its propagation, and a more compliant
substrate would hasten the onset of fracture and promote its
propagation.5,14 Although the elastic moduli of the polymers we
examined spanned multiple orders of magnitude, we stand-
ardized the experimental procedure for tensile testing by
holding the elastic modulus of the substrate approximately
constant at 0.5 ± 0.2 MPa, which is much lower than the
moduli of the films. In addition, we studied the role of varying
the elastic modulus of the substrate on microvoid propagation
in ductile films by varying the ratio of elastomer base to cross-
linking agent. We note that this approach also affects the
adhesion between the film and the substrate. To simplify our
analysis, however, we assume that the film is well bonded to the
substrate in all cases.
Fracture may also be influenced by environmental conditions

such as moisture, heat, and ultraviolet (UV) radiation.15 In our
experiments, however, effects of heat and UV radiation were
trivial due to the controlled environment of the laboratory. We
also reduced the influence of moisture content on our samples
(e.g., moisture-assisted debonding15 at the interface between
the film and the substrate) by maintaining the relative humidity
in our laboratory at approximately 65%.

■ BRITTLE FRACTURE
Chung and Lee et al. established a methodology that combines
wrinkling and cracking of brittle films, such that the elastic
modulus, fracture strength, and strain at fracture16 can be
determined simultaneously.2 This methodology is carried out
by transferring a rigid, brittle film onto an elastomeric substrate
and incrementally applying uniaxial tensile strain (ε) while
measuring the average spacing between cracks (Figure 2a). The
validity of this methodology, however, is contingent on the
formation of approximately equally spaced, parallel cracks that
propagate orthogonal to the direction of applied strain. Such a
fragmentation pattern is characteristic of inherently brittle
materials whose elastic behavior terminates with rupture
rather than plastic yieldat low strains.17 In investigating the
fracture mechanics of thin films of semiconducting polymers,
we observed experimentally that this process of brittle fracture
occurs commonly.
The combined wrinkling−cracking methodology is restricted

to the case in which the average width of fragments (⟨d⟩) is

inversely proportional to the applied strain. It is also assumed
that cracks in the film are unaccompanied by yielding or
fracture of the substrate, any slip at the film−substrate interface
is negligible, and tensile stress (σ) is maximal at the midpoint
between adjacent cracks. Under these assumptions, ⟨d⟩ is given
by18−20
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where hf, σ*, and ε* are the thickness, fracture strength, and
strain at fracture of the film, Ef and Es are the elastic moduli of
the film and substrate, respectively, and dc is the critical width
of fragments for which eq 2 is valid.2 Rearrangement of eq 2

yields a functional form of the scaled crack density ( )h
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2 f

s

versus applied strain, which allows direct calculation of the
fracture strength from the slope of the linear region of the
graph. Extrapolation of this linear regression to the x axis

=( )0
d
1 provides a reliable estimate of the strain at fracture.

The fracture strength and strain at fracture are closely related to
the damage and failure mechanisms of polymer films and, by
extension, organic electronic devices.13

On applying uniaxial tensile strain, a buckling instability is
produced by a transverse compressive strain due to the Poisson
effect.1 A periodic wrinkling pattern with a well-defined
wavelength (λ) appears parallel to the direction of applied
strain.2 At low strains and for a sufficiently thick substrate, the
buckling wavelength can yield quantitative estimates of the
elastic modulus of the film according to
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where νf and νs are the Poisson ratios of the film and substrate,
respectively.1 The elastic modulus of the film is relevant for
deformable applications and wearable devices, and it can be
tailored to minimize interfacial stress and interlayer delamina-
tion that would otherwise result in catastrophic failure of these
devices.13

We employed the combined wrinkling−cracking method-
ology to analyze the fracture of films of brittle semiconducting
polymers. The mechanical response and fracture of a thin film
of TQ1 subjected to uniaxial strain is illustrated in Figure 2a; as
shown in Figure 2b, fragmentation occurred linearly with strain.
A similar response was observed for thin films of PDTSTPD,
PBTTT-C14, and PCDTBT, as shown in Figure 2c, 2d, and 2e,
respectively. The large uncertainties associated with the scaled
crack densities in Figure 2b and Figure 2d manifest as large
errors on estimates of the strain at fracture (refer to Table 1).
This uncertainty could be due to the highly statistical nature of
crack formation,21 which depends on film defects and surface

Table 1. Tabulated Values of the Mechanical Properties Measured Using the Combined Wrinkling−Cracking Methodology.
Molecular weights were determined by gel-permeation chromatography (GPC), and glass transition temperatures (Tg) were
measured for thin films (hf ≥ 80 nm)

material Mn (kDa) [D̵] hf (nm) Ef (MPa) ε* (%) σ* (MPa) Tg (°C)

TQ1 4 [1.4] 206 ± 6 120 ± 80 2 ± 2 9 ± 2 ∼100, ref 53
PDTSTPD 15 [2.5] 159 ± 8 60 ± 10 2 ± 1 2.2 ± 0.2 110 ± 10, ref 54
PBTTT-C14a 6 [2.2] 78 ± 5 180 ± 30 2 ± 2 9 ± 1 102 ± 1, ref 54
PCDTBT 1 [4.3] 137 ± 9 1100 ± 200 0 ± 1 11 ± 3 130 ± 3, ref 29

aSpun from a heated solution at T ≈ 80 °C.
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roughness. In contrast, the uncertainties associated with the
slopes of the regressions are comparatively smaller, as indicated
by the small errors on estimates of the fracture strength.
In Figure 2e, the rate of change of the scaled crack density

with respect to applied strain begins to decrease for ε ≥ 6%.
Stafford and co-workers attribute such behavior22 to an
insufficiency in the amount of stress induced on the film by
the substrate for existing fragments to continue to bifurcate.2 In
any case, the relationship between scaled crack density and
strain is linear (R2 ≥ 0.91) at low strains, and linear regression
was used to determine the fracture strength and strain at
fracture. Estimating Poisson ratios of νf = 0.35 and νs = 0.5,23

eq 3 was used to calculate the elastic modulus of the film for
each material based on the corresponding wavelength of
wrinkles produced at low strains. The results of this analysis are
summarized in Table 1.
On the basis of the strains at fracture reported in Table 1, the

materials examined clearly underwent brittle fracture at low
strains. The most plausible explanation for this mechanical
response is the relatively low molecular weights of the materials
coincident with their relatively high glass transition temper-
atures (Tg). Semiconducting polymers with molecular weights
near or below the entanglement molecular weight comprise
unconnected, chain-extended crystals that cannot endure large
stresses and, as a result, manifest extreme brittleness.5,24 In this
instance, chain pullout is the favored mechanism of
fracture.25,26 Analogously, semiconducting polymers with Tgs
well above room temperature oftenthough not alwaysfail
in a brittle manner because segmental relaxation cannot occur
on short, experimental time scales.27 Considering the data in
Table 1, the materials we examined using the combined
wrinkling−cracking methodology fractured near ε = 2%.
Moreover, the product of the elastic modulus of the film and
the strain at fracture is approximately equal to the fracture
strength for each of the respective polymers. These materials
therefore absorbed the applied mechanical energy entirely
elastically and, in turn, ruptured without exhibiting any plastic
yield or deformation, which is characteristic of brittle fracture.17

Films of semiconducting polymers exhibit strong, substrate-
dependent variations in the Tg with thickness, though these
variations occur predominantly when a film is thinned below
approximately 80 nm.28−30 In addition, Chung et al. observed
no notable thickness dependence of the mechanical properties
of thin films of tantalum and atactic polystyrene over the range
of thicknesses investigated in their study (50 nm ≤ hf ≤ 1000
nm).2 We thus expect there to be no significant thickness
dependence of the mechanical properties of the materials listed
in Table 1. Although the combined wrinkling−cracking
methodology works well for brittle materials, this type of
analysis cannot be applied to ductile materials, which are
necessary for applications that demand mechanical compliance
and extreme deformability.

■ DUCTILE FRACTURE

Ductility, in the classical sense, is defined as the capacity of a
material to sustain large and permanent deformation under
tensile loading.16 In the field of organic electronics, measuring
the crack-onset strain (COS) of thin films of semiconducting
polymers on elastomeric substrates has been adopted as the
standard method of evaluating ductility.31 This measure alone,
however, does not provide a rigorous standard. One reason is
that estimation of the crack-onset strain is limited by the finite
resolution of an optical microscope. Another reason is that
fracture at defects is by nature highly statistical, and since
experimenters are susceptible to confirmation bias,32,33 visual
inspection can be imprecise. The crack-onset strain also
provides no information with regard to the propagation of
microvoids after their initiation. In fact, consideration of
fracture in ductile polymers has been limited to the initiation
phase, while the propagation of microvoids has been neglected.
A more definitive metric is therefore needed to evaluate the
ductility of polymer films supported by an elastic substrate.
For ductile materials, fracture in a film initiates at defects

sites to which mechanical stress is highly localizedand grows
progressively with increasing strain.34 These microvoids,
compared to the cracks observed in films of brittle materials,

Figure 3. Propagation of ductile microvoids in a thin film of PTB7 (hf = 110 ± 8 nm and Ef = 90 ± 30 MPa) under tensile strain. (a) Optical
micrographs depicting the progressive elongation and consequent growth of a microvoid in a thin film of PTB7 on PDMS; scale bars = 25 μm. (b)
Plot of the aspect ratio (l/w) of the microvoid as a function of applied strain (ε). To normalize the relationship for microvoids that appear at
different strains, the graph is shifted vertically so that the intercepts pass through the origin. Mean values and error bars (standard deviations) are
based on data acquired from three separate measurements. Solid red line corresponds to a linear regression with slope m. (c) A 4 nm slice of a
molecular dynamics simulation box showing the molecular yielding of PTB7 with applied strain. Hydrogen atoms are removed for clarity, and
separate polymer chains are colored distinctly.
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exhibit less of a tendency to propagate with increasing strain,
which corresponds to the greater cohesion of ductile
materials.21,35 For the case of PTB7 of high molecular weight,
a diamond-shaped microvoid, illustrated in Figure 3a,
originated in the film at low strain (ε ≈ 10%) with a small
aspect ratio (l/w). Although there existed regions in the film
where multiple sites of fracture developed within close
proximity to each other, only isolated microvoids were
considered for the analysis. As the film was further elongated,
we observed that the microvoid propagated progressively with
an aspect ratio that increased linearly, as shown in Figure 3b.
The rate of change of the aspect ratio of the microvoid with
respect to applied strain is given by the slope (m) of a linear
regression. This parameter, which we term the microvoid-
propagation number, describes the ability of a specimen
supported by an elastomer to resist fracture propagation and
is an effective measure of ductility.
For events of ductile fracture, elastic strain energy can be

dissipated in two ways: through the formation of both cohesive
and adhesive fracture surfaces and through the plastic
deformation of polymer chains. To portray the molecular
mechanism of the process of plastic dissipation, we performed
molecular dynamics simulations in which PTB7 was subjected
to tensile strain using protocols described elsewhere.36,37 As
demonstrated in Figure 3c, we observed significant morpho-
logical rearrangement and alignment of polymer chains. These
irreversible deformations ultimately lower the strain-energy
release rate that drives the propagation of microvoids. Given
that many ductile polymers exhibit such dissipation processes,
the formation and propagation of diamond-shaped microvoids
is a commonly observed mechanism of fracture in these
materials.35,38 We note that plastic deformation may also take
the form of crazing that could occur at the tip of the microvoid.
This effect, which commonly occurs in glassy polymers strained
below the Tg,

39 would inhibit the propagation of microvoids.
Crazing, however, is typically associated with a whitening of the
crazed region due to the scattering of light, which was not
evident in any of our microscope images.
Nominal Ductility. To correlate the propagation of

microvoids with nominal ductility, we measured the micro-

void-propagation number and crack-onset strain for a number
of semiconducting polymers (Figure 4). We defined the crack-
onset strain as the strain at which the length (l) of any existing
microvoid in the film exceeded approximately 20 μm. We
believe that this is a more rigorous definition of the crack-onset
strain that could compensate for limitations in the resolution of
optical microscopy and aid in mitigating biases of the
experimenter. To further standardize the experimental
procedure, films were tested at an average thickness of 130 ±
10 nm. Figure 4a shows a strong correlation between the
microvoid-propagation number and the crack-onset strain that
can be generalized for thin films of ductile polymers, the
chemical structures of which are provided in Figure 4b. Balar
and O’Connor determined that crack-onset strain can be
correlated with cohesive fracture energy for both brittle and
ductile films of semiconducting polymers.38 Although measur-
ing the cohesive fracture energy is beyond the scope of this
work, we expect the microvoid-propagation number to decrease
with increasing cohesive energy.

Role of Substrate. Rodriquez and Kim et al. demonstrated
that the crack density of thin films of P3HT (40 kDa)
supported by PDMS increased with increasing elastic mismatch
at a given strain.5 To examine the effect of elastic mismatch on
the propagation of fracture in ductile polymers, we determined
the microvoid-propagation number for films of P3BT
supported by PDMS of varying elastic modulus, as shown in
Figure 5. The results of this experiment indicate that the
microvoid-propagation number increases with increasing elastic
mismatch and is a stronger function of this mismatch than is
the crack-onset strain. This behavior is consistent with the fact
that the strain-energy release rate increases rapidly with
increasing elastic mismatch. Although adhesive fracture could
serve as an additional dissipation mechanism that would inhibit
the propagation of microvoids, data obtained from contact
angle measurements (refer to Experimental Methods) suggest
that the adhesion of P3BT to PDMS of varying elastic modulus
(over the range studied) is similar.
In addition to the formation of surfaces of cohesive fracture,

adhesive fracture is an important dissipation mechanism that
occurs in thin films of polymers supported by a compliant

Figure 4. Characterization of ductile fracture using various semiconducting polymers. (a) Correlation of the microvoid-propagation number with
nominal ductility for thin films tested at an average thickness of 130 ± 10 nm. Crack-onset strain (COS) is defined as the applied strain at which the
length (l) of any existing microvoid in the film (excluding those that are present prior to the application of strain) exceeds approximately 20 μm.
Vertical error bars are based on 95% confidence bounds of linear regressions, and horizontal error bars (standard deviations) are based on data
acquired from at least three separate measurements. Solid red line corresponds to a linear regression with slope a = −3 ± 1 and y intercept b = 1.9 ±
0.6 (errors are based on 95% confidence bounds). (b) Chemical structures of the materials used to characterize ductile fracture; refer to
Experimental Methods for systematic names.
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substrate.13 Figure 6a illustrates the surface topography of a
fractured film of F8BT on PDMS obtained by atomic force
microscopy. For ductile polymers, delamination and wrinkling
of the film near the center of a microvoid result from the
distribution of stress along the length of the microvoid, with the
maximum stress being induced at the advancing tip.17,40

Delamination of a film from the substrate is an important
process that dissipates elastic strain energy by diverting it from
the propagating tip of a microvoid. This process of interfacial
debonding also results in localized necking41 that could lead to
the formation of ductile microvoids.38 We expect that the
adhesion of different semiconducting polymers to PDMS is
similar, such that delamination at the center of a microvoid is
comparable in all cases.
Role of Film Thickness. In the neighborhood of the tip of

a microvoid, there exists a regionthe plastic dissipation
zonewhere energy is dissipated due to plastic deformation.17

Mai and Cotterell reported that the shape of this plastic zone in
bulk samples of ductile engineering and commodity plastics

depends on the geometry of the specimen.12 We therefore
investigated the dependence of the propagation of ductile
microvoids on the thickness of the film.
The optical micrographs in Figure 6b show the effect of an

additional 6% strain on the aspect ratio of microvoids in films of
F8BT of different thicknesses. Microvoids in a thicker film, in
contrast to a thinner one, propagate with an aspect ratio that is
comparatively less sensitive to applied strain, as demonstrated
in Figure 6c. The graph of the microvoid-propagation number
as a function of the thickness of the film is plotted in Figure 6d,
from which the strong dependence on thickness of the rate of
propagation of microvoids in ductile films becomes evident.
Since the initiation of microvoids is statistical and not all
microvoids originate at a specific applied strain, we underscore
the significance of the rate of propagation of microvoidsas
opposed to the magnitude of the aspect ratioin its
dependence on thickness. In contrast to the microvoid-
propagation number, the crack-onset strain exhibited little to
no dependence on thickness (Figure 6d); films of F8BT of
varying thickness (159 ± 5 nm ≤ hf ≤ 370 ± 10 nm) had a
crack-onset strain of 9% ± 3% on average. This result strongly
indicates that the microvoid-propagation number and the crack-
onset strain, although correlated, capture distinct aspects of
ductile fracture in thin films of semiconducting polymers. The
crack-onset strain is a manifestation of the degree of
nonuniformity in a film,38 and it depends on the relative
dimensions of local inhomogeneities and the thickness of the
film.13

The dependence of the microvoid-propagation number on
the thickness of the film may be ascribed to the greater
sensitivity of the cohesive fracture energy to thickness in
samples of high molecular weight.42 Compared to polymers of
low molecular weight, there is a greater tendency for polymers
of high molecular weight to exhibit interchain entanglement,
which leads to larger plastic zones around the tips of

Figure 5. Role of the elastic modulus of the PDMS substrate (EPDMS)
on the fracture behavior of films of P3BT (Ef = EP3BT = 0.25 ± 0.07
GPa). Microvoid-propagation number (m) increases with increasing
elastic mismatch and is a stronger function of this mismatch than is the
crack-onset strain (COS). Dashed lines are guides to the eye.

Figure 6. Topography of a cracked surface and dependence of ductile fracture on thickness in films of F8BT (Ef = 1.0 ± 0.3 GPa). (a) Atomic force
micrograph (tapping mode) of the height image of a crack in a strained film of F8BT supported by PDMS; scale bar = 3 μm. (b) Optical
micrographs depicting the effect of an additional 6% strain (ε) on the aspect ratio (l/w) of microvoids in films of F8BT of different thicknesses; scale
bars = 50 μm. (c) Graphs of the aspect ratio as a function of applied strain for films of different thicknesses. To normalize the relationship for
microvoids that appear at different strains for a given thickness, the graph is shifted vertically so that the intercepts pass through the origin. Mean
values and error bars (standard deviations) are based on data acquired from at least three separate measurements. Solid lines correspond to linear
regressions. (d) Graphs of the microvoid-propagation number (m) and the crack-onset strain (COS) as functions of thickness (hf). Vertical error
bars on m are based on 95% confidence bounds of regressions in c; vertical error bars on COS (standard deviations) are based on data acquired from
at least three separate measurements; mean thicknesses and horizontal error bars (standard deviations) are based on data acquired from at least five
separate measurements. Dashed lines are guides to the eye.
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microvoids.43,44 Bruner and Dauskardt contended that larger
plastic zones inhibit the propagation of fracture by relaxing the
stress applied to a film, whereas smaller plastic zones allow
extensive propagation of fracture by contributing little to the
relaxation of stress.42 Moreover, Mai and Cotterell argue that
the width of the fracture process zonea necked region of
damage that lies directly in the path of an advancing microvoid
(Figure 7a)increases with increasing thickness in thin plates
of metals.12,45 We therefore propose that the plastic zone in a
thinner film is geometrically confined by the boundaries of the
specimen to a smaller volume, which results in a higher
propensity for microvoids to propagate. It is also possible that
effects of thin-film confinementparticularly a reduction in the
density of entanglementswould lower the cohesion of the
film and lead to more rapid propagation of microvoids. From
the perspective of theoretical solid mechanics, the problem of
relating the propagation of ductile microvoids to the intrinsic
mechanical properties of a thin film is currently unsolved.
Nonetheless, it would be interesting and useful to learn if a
continuum-based approach could be used to predict this
dependence on thickness.

Plastic Dissipation Zone. Over the course of this study we
repeatedly observed the formation of wrinkles with a
characteristic X-shape that appeared around diamond-shaped
microvoids, as shown in Figure 6b (right) for instance. We
hypothesize that this pattern is determined by the dimensions
of the plastic dissipation zone. Figure 7a schematically
illustrates a strained film of semiconducting polymer on
PDMS under conditions of plane stress (load forces act only
parallel to the plane of the thin film). To test our hypothesis
and characterize plastic deformation around the tip of a
microvoid, we performed a simple experiment in which we
partially released the strain applied to an elongated film and
inspected the wrinkles that formed in plastically deformed
regions.3 Optical micrographs of a fractured film of P3BT are
presented in Figure 7b, the first of which shows these
characteristic wrinkles. Elongation of the sample resulted in
the propagation of the microvoid, and subsequent release of
this additional strain led to severe wrinkling in the zone ahead
of the advancing tip. The regions horizontally adjacent to the
microvoid, however, displayed no such wrinkling, which
suggests the existence of zones of partial elastic recovery.

Figure 7. Approximate geometry of the plastic zone in thin films of ductile semiconducting polymers that form diamond-shaped microvoids upon
fracture. (a) Schematic illustrating a strained film on PDMS and the proposed shape of the plastic zone under conditions of plane stress. Blue arrows
indicate the direction of applied tensile strain (ε). (b) Optical micrographs depicting the effect of an additional 10% strain, followed by the release of
this applied strain, on the topography of a film of P3BT (hf = 115 ± 3 nm); scale bars = 50 μm. Zone ahead of the advancing tip of the microvoid
exhibited severe wrinkling upon release of the additional strain; regions horizontally adjacent to the microvoid displayed no such wrinkling.

Figure 8. Tensile testing of pseudo-freestanding films of semiconducting polymers. (a) Schematic diagram of the experimental setup, which consists
of a linear actuator, a load cell, and a camera. (b) Representative stress−strain curves of unnotched films obtained using the film-on-water technique.
(Inset) Plot of the logarithm of the microvoid-propagation number (log10(m)) versus fracture strength (σ*); values of m are for films tested at an
average thickness of 130 ± 10 nm. Horizontal error bars (standard deviations) are based on data acquired from three separate measurements. Solid
orange line corresponds to a linear regression with slope a = 0.027 ± 0.001 MPa−1 (error is based on 95% confidence bounds). (c) Representative
traces of force per unit thickness (F/hf) versus displacement (x − L0) for notched films of the materials used in b. Notches at the edges of samples
were 0.3 ± 0.1 times the width of the respective film, which was equal to 4.5 ± 0.5 mm on average. Inset photographs demonstrate notched samples
before and after application of uniaxial strain; scale bars = 2.5 mm.
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Tensile Testing of Pseudo-Freestanding Films. It is
well known that deformation and fracture in thin films
supported by polymeric substrates are influenced by the
adhesion and elastic mismatch between the film and the
substrate.46 To isolate these effects from the intrinsic
mechanical properties of the film, we implemented a tensile
test, originally developed by Kim and co-workers, in which
pseudo-freestanding films are supported by water (Figure 8a).47

The “film-on-water” technique resembles a conventional pull
test in that it is used to obtain a trace of force versus
displacement in a single step. As shown in Figure 8b, we
measured force−displacement curves of unnotched films of
four semiconducting polymers and transformed them into
stress−strain curves using the dimensions of the corresponding
sample. On the basis of these data and the results in Figure 4,
we infer that films with a smaller microvoid-propagation
number exhibit greater ductility, with or without the support of
a substrate. Plotting the logarithm of the microvoid-
propagation number versus fracture strength also reveals a
correlation between these two parameters, as portrayed in the
inset of Figure 8b. The microvoid-propagation number is thus
informative of the stress that a thin film under tension can
sustain at fracture.
For bulk samples of ductile polymers, the fracture toughness

is generally characterized by subjecting a notched specimen to
tensile loading while measuring the force.10,12 To relate the
microvoid-propagation number to this classical metric of
elastoplastic fracture mechanics, we adapted the film-on-water
technique by introducing a notch at the edge of the floating
film. This experiment produced curves of force per unit
thickness versus displacement, as plotted in Figure 8c.
Comparison of these data with the microvoid-propagation
number revealed excellent qualitative agreement in the
observed behavior. Of the four materials tested, the polymer
with the largest microvoid-propagation number, F8BT,
exhibited the least ductility: the film bifurcated once the
applied load reached a critical value. Conversely, the material
with the smallest microvoid-propagation number, A5D7,
exhibited significant post-yielding behavior due to blunting at
the crack tip. In comparing P3BT and PTB7-Th, the
relationship between the propagation of fracture for the cases
of films supported by PDMS and by water is more subtle. This
subtlety is likely due to the large difference in elastic modulus
between these two materials, which introduces effects of elastic
mismatch when these films are supported by a substrate. To
summarize, tensile testing of films on water revealed that the
microvoid-propagation number is related to traditional metrics
of the fracture toughness of a freestanding film. Developing an
exact, quantitative relationship between the intrinsic mechanical
propertiesdetermined for a film on waterand the fracture
behavior of the film supported by a substrate, however,
demands a thorough theoretical treatment supplemented by
further experimental testing and is thus the subject of ongoing
research.

■ CONCLUSION
Understanding the fracture phenomena that govern the
mechanical properties of thin films of semiconducting polymers
is critical for the design and processing of flexible and
stretchable organic electronics. Mechanical failure in polymer
films, however, is naturally convoluted and often the
consequence of concurrent events of fracture that occur at
the molecular scale. Using the combined wrinkling−cracking

methodology we quantified the stiffness, strength, and ductility
of thin films that exhibited brittle fracture at their respective
molecular weights. For films that exhibited ductile fracture, on
the other hand, we monitored the growth of isolated
microvoids and observed how the aspect ratio varied with
applied strain. This measure of the tendency for fracture to
propagate was quantified by the microvoid-propagation
number, m, which provides insight into the degree of plasticity
that a ductile film exhibits. We correlated this previously
unreported film parameter with the crack-onset strain for
various polymers tested at a common thickness. In addition, we
demonstrated that the microvoid-propagation number is a
strong function of the thickness of the film, a dependence that
may be attributed to the geometry of the plastic zone and
effects of thin-film confinement. To better understand how
plasticity influences the mechanics of ductile fracture, the
molecular-scale phenomena that control the growth of
microvoids warrant further investigation. Nevertheless, the
microvoid-propagation number should be a useful metric
because it serves as a simple yet effective way to evaluate the
ductility of thin films supported by an elastomer. The
characterization of the resistance of a material to fracture is
the backbone of fracture mechanics, and it is crucial in assessing
the damage tolerance of semiconducting polymers for
mechanically robust electronics.

■ EXPERIMENTAL METHODS
Materials. Poly(9,9-dioctylfluorene-alt-benzothiadiazole) (F8BT,

Mw = 20−100 kDa) and poly[N-9′-heptadecanyl-2,7-carbazole-alt-5,5-
(4′,7′-di-2-thienyl-2′,1′,3′-benzothiadiazole)] (PCDTBT, Mw = 20−
100 kDa) were purchased from Lumtec and used as received. Poly[2,5-
bis(3-tetradecylthiophen-2-yl)-thieno[3,2-b]thiophene] (PBTTT-C14,
Mn > 12 kDa, D̵ = 1.8) was purchased from Solarmer Energy, Inc. and
used as received. Poly[(5,6-dihydro-5-octyl-4,6-dioxo-4H-thieno[3,4-
c]pyrrole-1,3-diyl)[4,4-bis(2-ethylhexyl)-4H-silolo-[3,2-b:4,5-b′;]-
dithiophene-2,6-diyl]] (PDTSTPD, Mn = 7−35 kDa, D̵ = 1.4−2.9),
poly[[2,3-bis(3-octyloxyphenyl)-5,8-quinoxalinediyl]-2,5-thiophenedi-
yl] (TQ1, Mn = 12−45 kDa, D̵ < 3.3), and poly({4,8-bis[(2-
ethylhexyl)oxy]benzo-[1,2-b:4,5-b′]dithiophene-2,6-diyl}{3-fluoro-2-
[(2-ethylhexyl)-carbonyl]thieno[3,4-b]thiophenediyl}) (PTB7, Mw =
80−200 kDa, D̵ ≤ 3.0) were purchased from Sigma-Aldrich Co. and
used as received. Poly(3-butylthiophene) (P3BT, Mn = 50−70 kDa, D̵
= 2.1−3.0) was purchased from Rieke Metals, Inc. and used as
received. Poly{[N,N′-bis(2-octyldodecyl)naphthalene-1,4,5,8-bis-
(dicarboximide)-2,6-diyl]-alt-5,5′-(2,2′-bithiophene)} (PNDI(2OD)-
2T, Polyera ActivInk N2200, Mn = 48 kDa, D̵ = 3.7) was purchased
from Polyera Corp. and used as received. Poly[4,8-bis(5-(2-
ethylhexyl)thiophen-2-yl)benzo[1,2-b;4,5-b′]dithiophene-2,6-diyl-alt-
(4-(2-ethylhexyl)-3-fluorothieno[3,4-b]thiophene-)-2-carboxylate-2−
6-diyl)] (PTB7-Th, Mw > 40 kDa, D̵ = 1.8−2.0) was purchased from
Ossila Ltd. and used as received. Poly(3-hexylthiophene) (P3HT, Mn
= 80 kDa, D̵ = 1.6) was produced and characterized by the Heeney
laboratory using synthetic procedures described elsewhere.5 A3D1 (Mn
= 50 kDa, D̵ = 10.8) and A5D7 (Mn = 34 kDa, D̵ = 3.4) were selected
from a library of low-bandgap polymers used in studies by Bundgaard
et al.48 and subsequently by Roth and Savagatrup et al.35 PEDOT:PSS
(Clevios PH 1000) was purchased from Heraeus and used as received.
(Tridecafluoro-1,1,2,2-tetrahydrooctyl)-1-trichlorosilane (FOTS) was
purchased from Gelest, Inc. and used as received. Chloroform,
acetone, and isopropyl alcohol were purchased from Sigma-Aldrich
Co. and used as received. Alconox was purchased from Alconox, Inc.
and used as received.

Gel Permeation Chromatography. Since the suppliers reported
wide ranges of molecular weight for some polymers used in this study,
we independently measured the molecular weight and polydispersity
of these materials using gel permeation chromatography (GPC). GPC
was performed in chlorobenzene at 55 °C using an Agilent 1260
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separation module equipped with a 1260 refractive index detector and
a 1260 photodiode array detector. Molecular weights of polymers were
calculated relative to linear polystyrene standards. Our measured
values of Mn for the brittle polymers are presented in Table 1. For
F8BT, we measured Mn = 10 kDa and D̵ = 3.2. For PTB7, the chains
eluted too rapidly, such that the peak retention time was outside the
range of calibration standards, and thus, no reliable data could be
obtained.
Preparation of Substrates. Glass slides were prepared as the

substrate for polymer films. The glass slides were cut into squares of
2.5 cm × 2.5 cm using a diamond-tipped scribe and then cleaned in
sonication baths of powdered Alconox dissolved in deionized water,
pure deionized water, acetone, and isopropyl alcohol for cycles of 10
min each. After sonication, the slides were dried using a stream of
compressed air. To activate the surface of glass, improve wettability,
and remove any residual organic debris, the slides were treated with air
plasma (30 W) for 5 min at a base pressure of 200−250 mTorr. Since
TQ1 and PCDTBT adhered too strongly to glass treated in this
manner, glass slides treated with antiadhesive FOTS were used as
substrates. Specifically, slides were treated with plasma, placed in a
desiccator with a vial containing a few drops of FOTS, and then left
under vacuum for at least 3 h.
Preparation of Films. Solutions of pure polymers and a blend of

PTB7 and N2200 (1:1 by mass) were prepared at given concentrations
in chloroform and allowed to stir overnight. After mixing, the solutions
were filtered with 1 μm glass fiber media syringe filters before spin
coating. All films were then spun, either directly on glass or on a
PEDOT:PSS/glass substrate, in two steps. (PTB7-Th was spun from a
heated solution at T ≈ 80 °C.) First, F8BT (20 mg mL−1 in
chloroform) was spun at 750 rpm (375 rpm s−1 ramp), 1000 rpm (500
rpm s−1 ramp), 1300 rpm (650 rpm s−1 ramp), 1500 rpm (750 rpm s−1

ramp), 2000 rpm (1000 rpm s−1 ramp), and 3500 rpm (1750 rpm s−1

ramp), separately, for 2 min, and F8BT (10 mg mL−1 in chloroform)
was spun at 1000 rpm (500 rpm s−1 ramp) for 2 min. TQ1 and
PCDTBT (10 mg mL−1 in chloroform) were spun onto glass treated
with FOTS at 500 rpm (250 rpm s−1 ramp) for 2 min. All other
solutions had a concentration of 10 mg mL−1 in chloroform and were
first spun at 1000 rpm (500 rpm s−1 ramp) for 2 min. Second, all films
were spun at 2000 rpm (1000 rpm s−1 ramp) for 30 s. Thicknesses of
films were obtained using a Veeco Dektak stylus profilometer; at least
five measurements were taken for each film.
Preparation of PDMS Elastomers. For tensile (compression)

testing, poly(dimethylsiloxane) (PDMS) was chosen as the substrate
for mechanical measurements. To prepare, 20 g (50 g) of Sylgard 184
Silicone elastomer base was mixed with 2 g (5 g) of Sylgard 184
Silicone cross-linking agent and stirred until cloudy. The mixture was
then spread into a Petri dish with a diameter of 15 cm and a height of
1.5 cm. PDMS was degassed by placing the Petri dish in a desiccator
under vacuum until the bubbles ceased to be visible. The dish was then
placed in an oven preheated to 70 °C for 50 min to allow the PDMS
to cure. Next, the PDMS, with an approximate thickness of 1 mm (3
mm), was cut into rectangular slabs of 1 cm × 9 cm. The elastic
modulus of these elastomers was determined to be 0.5 ± 0.2 MPa, on
average, using an Instron pull tester. To test the role of elastic
mismatch on the fracture behavior of ductile films, additional PDMS
elastomers were prepared: 20 g of Sylgard 184 Silicone elastomer base
was mixed with 1, 1.5, or 2 g of Sylgard 184 Silicone cross-linking
agent. This batch of PDMS was then allowed to cure in an oven at 70
°C for 40 min, which resulted in elastic moduli of 54 ± 8, 56 ± 5, and
90 ± 10 kPa, respectively. Otherwise, the preparation procedure was
the same as described above.
Combined Wrinkling−Cracking Methodology. Slides with

polymer films were scored into four, equally sized rectangular sections.
Films of PDTSTPD and PBTTT-C14 were transferred to unstrained
strips of PDMS by firmly pressing a scored portion of the film onto
PDMS and submerging the film−PDMS bilayer in deionized water.
While still in water, the slide with the remaining sections of the film
was removed, after which the PDMS was dried with compressed air.
Films of TQ1 and PCDTBT were not transferred while submerged in
water because they had been spun onto glass slides treated with FOTS.

Instead, these films were scored into thin segments, placed onto strips
of PDMS, and quickly removed with an applied force directly
perpendicular to the film−PDMS interface. The film−PDMS bilayers
were then uniaxially stretched at one end using a linear translation
stage (L0 = 1.27 cm), and the mechanical response of each film was
imaged using a Leica DM2700 optical microscope.

Microvoid Aspect Ratio. Scored films of ductile polymers were
transferred to unstrained strips of PDMS by firmly pressing a scored
portion of the film onto PDMS and submerging the bilayer in
deionized water. While still in water, the slide with the remaining
sections of the film was removed, after which the PDMS was dried
with compressed air. The film−PDMS bilayer was then uniaxially
stretched at one end using a linear translation stage (L0 = 1.27 cm),
and the mechanical response of the film was probed by observing the
growth of isolated microvoids under the microscope.

Buckling-Based Metrology for Measuring Elastic Moduli.
Elastic moduli of the brittle films examined using the combined
wrinkling−cracking methodology, namely, TQ1, PDTSTPD, PBTTT-
C14, and PCDTBT, were estimated by applying the buckling-based
metrology of Stafford et al. (eq 3) to these films based on the
wrinkling behavior under tension.1,2 On the other hand, measuring the
elastic moduli of ductile films, namely, F8BT, PTB7, and P3BT,
required compression-induced mechanical buckling to produce visible
wrinkling patterns. As such, neat slabs of PDMS were strained to
approximately 5% on a linear translation stage and fixed to rectangular
glass slides. For each material, films prepared at three different
thicknesses (using spin speeds of 500, 1000, and 1500 rpm with ramp
rates of 250, 500, and 750 rpm s−1, respectively) were scored and
transferred to the prestrained PDMS. The release of this prestrain
produced a buckling instability and, in turn, wrinkles in the films. For
each film, the wrinkles were imaged under a microscope at several
(>7), arbitrary locations. To count the number of wrinkles in an
image, we used a function in MATLAB based on the Savitzky-Golay
smoothing filter and peak finder, which distinguishes between crests
and troughs. To compute the buckling wavelength (λ), the width of an
image was divided by the average number of wrinkles. Moreover, the
thickness of the film (hf) was measured (on glass) using a stylus
profilometer, and the elastic modulus of PDMS (Es) was determined
using a commercial pull tester. Finally, the elastic modulus of the film
(Ef) was calculated using eq 3.

Molecular Dynamics Simulations. All simulations and visual-
izations were performed using LAMMPS49 and OVITO,50 respec-
tively. A detailed description of the atomistic model parametrization
from calculations of electronic structure, as well as the computational
process for generating the simulation morphology, can be found
elsewhere.36,51 Briefly, 60 independent 12-mers were packed into a
simulation box and subjected to NPT dynamics at 800 K using time
increments of 2 fs for 5 ns to generate a well-equilibrated melt phase.
This melt-phase structure was then subjected to an annealing protocol
in which the temperature was ramped from 800 to 300 K in intervals
of 20 K and at time increments of 1 ns for runs of both ramping and
equilibration. Simulations of mechanical deformation were run by
imposing a constant strain rate (1 × 10−6 Å ps−1) in the x dimension
and applying stress-free boundary conditions in both transverse
dimensions.

Contact Angle Measurements. To qualitatively assess the
adhesion between films of P3BT and strips of PDMS, we measured
the advancing and receding contact angles of droplets of deionized
water (∼6 μL) on pristine surfaces of PDMS. Imaging and data
analysis were performed with an automated goniometer (Rame-́Hart,
model no. 290-U1) using the method of add/remove volume.
Advancing (receding) contact angles of droplets of deionized water
on pristine surfaces of PDMS ranged from 119.0° ± 0.6° (109° ± 3°)
to 125.9° ± 0.7° (117° ± 4°), which correspond to the PDMS
substrates with the highest and lowest elastic moduli, respectively.

Atomic Force Microscopy. A solution of F8BT in chloroform,
with a concentration of 15 mg mL−1, was spun onto glass treated with
FOTS in two steps (1000 rpm for the first) as described above. A
PDMS substrate was prepared as explained above, though its surface
was subsequently activated by cleaning with ultraviolet−ozone (UV−
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O3) for 2 h, followed by treatment with FOTS in the same manner
that the glass slides were. The film of F8BT on glass was scored into
thin segments and transferred to the PDMS treated with FOTS. To
generate microvoids in the film, the film−PDMS bilayer was uniaxially
stretched at one end using a linear translation stage. Once enough
microvoids were produced, the substrate was fixed at the
corresponding applied strain. A second, pristine PDMS slab (neither
cleaned with UV−O3 nor treated with FOTS) was prepared by curing
at 70 °C for 50 min on the smooth surface of a silicon wafer. After that
the slab was cut into squares of 1 cm × 1 cm (approximately 1 mm
thick) and used to strip the fractured film off the strained, surface-
treated PDMS for imaging. Atomic force micrographs of the height
image were then obtained using a Veeco scanning probe microscope
(SPM) in tapping mode, and the data were analyzed with NanoScope
Analysis v1.40 software (Bruker Corp.).
Film-on-Water Tensile Testing. Kim and co-workers developed a

tensile test in which pseudo-freestanding films are supported by
water.47 The “film-on-water” technique resembles a conventional pull
test in that it is used to obtain a trace of force versus displacement in a
single step. This technique leverages the high surface tension and low
viscosity of water to support thin films and allow unimpeded sliding of
these films on the surface. To float a specimen on water, a sacrificial
layer of PEDOT:PSSonto which semiconducting polymers were
spin coatedwas used. (PEDOT:PSS was spun onto a glass slide at
1000 rpm (500 rpm s−1 ramp) for 3 min, followed by a second step at
2000 rpm (1000 rpm s−1 ramp) for 30 s.) The layer of PEDOT:PSS
readily dissolved in water upon contact, which allowed the polymer
film to delaminate from the substrate. Once the film was afloat, van der
Waals adhesion was made between the film and a load cell using grips
coated with small slabs of PDMS. To obtain plots of force versus
displacement, films were uniaxially strained at a rate of approximately
6.67 × 10−4 s−1 (L0 = 10 mm) until the test was terminated. Additional
tests of fracture were performed by introducing notches at the edges of
films, which were then subjected to uniaxial strain. Procedures for
preparation and transfer of samples were otherwise identical for films
that were and were not notched.
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